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Résumé
Une méthodologie de calcul du comportement plastique et de la rupture d’un acier de cuve
de réacteur nucléaire à eau pressurisée est proposée dans ce travail. Une approche micromé-
canique est adoptée, basée sur des calculs d’homogénéisation en champs moyens ou sur des
calculs d’agrégats obtenus par tesselation de Voronoi.
Une loi de comportement de plasticité cristalline à base physique est adoptée, permet-
tant de modéliser le comportement du fer pur et de l’acier de cuve sur une large gamme de
température.
Le modèle de rupture se base sur l’expression d’une contrainte de Griffith sur des carbures
dont la distribution est formulée à partir de données expérimentales, la probabilité de rupture
étant alors calculée par une méthode de Monte-Carlo.
Ce type d’approche permet de s’intéresser aux sites d’amorçage de la rupture, en lien
avec les hétérogénéités microstructurales (par exemple les interfaces ferrite-bainite). Une
comparaison est également présentée entre les fonctions de répartition de probabilité de rupture
obtenues pour des agrégats monophasés et biphasés de même comportement plastique effectif.
Abstract
A calculation method for the plastic behaviour and for the failure of a nuclear reactor pressure
vessel (RPV) steel is proposed in this work. A micro-mechanical approach is chosen, based
on mean field homogenization calculations or on Voronoi aggregate calculations.
A physically based crystal plasticity law is used, allowing to model the behaviour of pure
iron and of RPV steel over a wide range of temperature.
The failure model is based on a Griffith stress expression at carbides whose distribution
is proposed from experimental data. The failure probability is then computed using a Monte-
Carlo approach.
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The proposed approach allows to investigate failure initiation sites, in relation with mi-
crostructural heterogeneities such as ferrite-bainite interfaces. A comparison is provided be-
tween failure probability cumulative distribution functions obtained for single-phase or dual-
phase aggregates of same effective tensile response.
Mots clefs : Approche locale de la rupture, Rupture fragile, Micromécanique,
Acier bainitique
Introduction
In the context of pressurized water nuclear reactor operation, the integrity of the reactor
pressure vessel (RPV) has to be guaranteed during routine operation and when subjected to
accidental loading conditions. For example, the loss of coolant accident is associated to a
cold water injection that induces an increase of pressure together with a rapid decrease of
temperature. In this context, several integrity assessments of the RPV steel have been pro-
posed, as for example the Master Curve method [1, 2] that relies on fracture toughness data
for irradiated and un-irradiated material. Because several microstructural changes during
irradiation are key in understanding and predicting the plastic response and fracture prop-
erties modification with irradiation [3–6], European projects have been proposed to develop
multi-scale modeling strategies for the RPV internals and the RPV steel with the objective of
predicting the fracture toughness from microstructural initial composition, neutron flux and
fluence, and other reference data [7, 8].
In the multi-scale modeling strategy, one key scale is the crystal plasticity whose differ-
ent underlying physics, needs, implementations and applications have been reviewed in [9].
Crystal plasticity can be used to derive isotropic von Mises plasticity laws for the pressure
vessel using homogenization procedures, based on the single-crystal tensile response obtained
from discrete dislocation dynamics and lower scale simulations, predictive by nature. Recent
advances in small-scale modelling of body-centered cubic (bcc) iron single crystals have been
reported in [10–13].
On the fracture mechanics side, most of the recently developed multi-scale models have
been inspired by the local approach of Beremin [14], in which the failure probability is ob-
tained from aWeibull stress distribution identified from J2-plasticity finite element calculation
results. In the case of polycrystalline aggregates, crystal plasticity is used to generate mi-
crostructural stress fields that are then compared with a local Griffith stress formulated by
means of a surface energy, an average carbide density and a carbide size distribution function
[15–17]. The latter results have been obtained by considering idealized Voronoi microstruc-
tures, and therefore the validity of a micromechanical failure approach should be questionned
in view of the complexity of the bainitic microstructure [18] and of the relationships between
microstructural modeling and calculated stress fields [19, 20].
In this context, the objective of this work is to introduce a novel RPV microstructural
model taking advantage of recent physically based crystal plasticity constitutive equations,
and to evaluate this model in term of brittle failure properties in the low temperature regime.
The paper is structured as follows. First, the RPV material is described. Then, a crystal
plasticity model is tested for pure iron and identified for RPV steel according to two different
modeling possibilities : single phase material or dual-phase material description. Finally,
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Mn Ni Mo Si C Cr Cu Al Co P S V
Weight % 1.37 0.7 0.5 0.24 0.159 0.17 0.06 0.23 <0.01 0.005 0.008 <0.01
Table 1: Chemical composition of H1BQ12 material [21]
these two models are compared in term of failure probability results.
1 Material description
1.1 Large scale heterogeneities due to manufacturing
The RPV is a large scale component manufactured from forged ferrules of 280mm thickness
made from low carbon steel 16MND5 (ASTM A508-3) whose chemical composition is provided
in Table 1. This composition has been obtained for a reference material considered in this
study, designed as H1BQ12 material and sampled from ferrule B’s knockout H1 of the pressure
vessel Q12. The pressure vessel height is 12.6m, and its diameter is 4.4m.
At room temperature, the thermodynamic equilibrium of 16MND5 steel provides a balance
of pearlite and ferrite. In order to obtain a bainitic microstructure composed of bainite and
ferrite, a heat treatment is applied following the 3-step recipe:
• Two austenitizations at a temperature between 865 ◦C and 895 ◦C followed by a water
quench. Each austenization lasts 4 hours and 40 minutes.
• A 7.5 hours tempering at 630 ◦C- 645 ◦C
• A final annealing lasting 8 hours at a temperature of 610 ◦C
After this heat treatment, the steel exhibits a tempered bainitic microstructure. Starting
from an austenite grain, ferrite laths grow from the grain boundaries during the cooling.
Since carbon is much less soluble in ferrite than in austenite, it will start to diffuse from
supersaturated ferrite to austenite. This enriched austenitic phase will then lead to the
development of cementite at the interface between ferrite and austenite. The precipitation of
carbides will therefore diminish the carbon concentration of austenite which will be able to
transform into ferrite. If the cooling is slow enough, carbide precipitates will only precipitate
at lath boundaries and in the end we will obtain upper bainite : the ferritic phase will be
free from cementite. However, if the cooling is quick, some carbon atoms contained into
supersaturated ferrite might not have the time to diffuse to the interface with austenite
and will precipitate inside the ferrite laths leading to lower bainite. These phenomena are
described in [22].
The tempering treatments are used to decompose the austenite that may remain between
the laths of ferrite and to transform carbides into cementite. The tempering will decrease the
steel hardness an in turn its brittleness. The annealing reduces remaining internal stresses.
In 16MND5 steel, pro-eutectoïd ferrite can nucleate at high temperature from prior
austenitic grain boundaries for slow cooling conditions by diffusion processes. These equiaxed
grains exhibit low carbon content (less than 0.02 wt.%) resulting in a very fine carbide pre-
cipitation.
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Let us insist on the key microstructural average dimensions for 16MND5 steel. The
austenitic grain size is 50 µm, the baintite lath is about 10 µm long and 1 µm thick, the
size of the cementite precipitates at the grain boundaries is 1 µm in length and 0.2 µm in
thickness and the cementite precipitates within the ferrite laths are spheric with a diameter
of 0.1 µm[23]. Pro-eutectoïd ferrite grains are 10 µm in diameter.
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Figure 1: Carbon content in H1BQ12 steel versus the sampling position [24]
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Figure 2: Yield stress of H1BQ12 steel versus the sampling position [24]
Given the production stages of 16MND5, and the sensitivity of the tempered bainitic
microstructure to the process temperature and the cooling rate, the chemical composition,
phase distribution and mechanical property are not uniform in the component thickness. As
cooling rate is much slower in the core of the ferrule, more pro-eutectoid ferrite forms in this
region, resulting in lower carbon content, lower tensile yield stress and strength. The variation
in carbon content throught the thickness is shown in Figure 1 for two materials (H1BQ12
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Phase 1/2 depth 1/4 depth inner diameter
sd = 140mm sd = 70mm sd = 0− 15mm
Ferrite % 25± 3 16± 3 x
Carbide clusters % 25± 2 25± 1 15± 2
Bainite % 50 54 77
Martensite % 0 5± 4 18± 2
Table 2: Phase distribution at different sampling depths for H1BQ12 material [21]
and H3BQ3) obtained for two different pressure vessels. The variations of yield stress and
ultimate tensile stress at room temperature are shown in Figures 2 and 3, respectively.
A large campaign of EBSD analyses on H3BC18 steel has allowed to characterize the
fraction of phases present in the microstructure for three different sampling depths sd : inner
surface (sd ≈ 0 mm), quarter thickness (sd = 70 mm) and half thickness (sd = 140 mm) from
the inner surface [21]. The main outcomes of this study has been summarized in Table 2.
1.2 Tensile behavior
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Figure 4: Stress-strain curves of 16MND5 samples of 3/4 depth, H1BQ12 material, reproduced
from [25]
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The chosen 16MND5 material, H1BQ12, has been used in the following to validate the
simulations and identify the model parameters. This material has been used in several PhD
works [25–28] and is therefore a good reference material candidate.
The H1BQ12 reference tensile specimens were taken at a depth of three quarters of the
thickness (sd = 210mm). The tensile experiments were carried out at a strain rate of 4 ×
10−4s−1 at temperatures ranging from -196 ◦C to 0 ◦C. The experiments on this material
have been summarized in [25], and the tensile curves are gathered in Figure 4. An increase
of yield stress is observed when the temperature decreases, while the hardening is slightly
decreasing.
2 plastic flow behaviour of pure iron
2.1 DD_CC constitutive law
The DD_CC (Dislocation Dynamics for body Centered Cubic crystals) relation is a law
introduced in [12] and [13] which is based on physical properties of near pure iron through
dislocation dynamics simulations, extending earlier physical models only considering a low
temperature mechanism [29]. The dislocation density on each slip system, ρs is an essential
internal variable of the DD_CC law. This law physically describes the plastic slip of the
12 {110} slip systems which are known as the most active among the 48 possible systems
{110},{112},{123}. For each system the slip direction is noted ms and the normal to the slip
plane is ns.
As usual, the single crystal law is written as a relationship between the applied shear
stress τs on a system s and the slip γs, related to the local stress tensor σ and plastic strain
tensor εp by the Schmid tensor (or orientation tensor) µ:
τs = σ : µs , ε˙ = Σγ˙sµs , µs =
1
2 (ms ⊗ ns + ns ⊗ms) (1)
The law has been implemented in the finite element code Code_Aster and aims at model-
ing two main deformation mechanisms at low and high temperature presented in the following.
2.1.1 Low temperature
At low temperature, a predominant screw dislocation network is observed, moving according
to a double kink mechanism.
At low temperature the slip rate γ˙snuc can be expressed as a function of the effective shear
stress, the average length of screw dislocations ls, the mobile dislocation density ρsm, the
absolute temperature T and the activation energy for double-kink nucleation under a given
activation energy ∆G:
γ˙snuc = ρsmbH · ls
(
ρ, τ seff
)
· exp
−∆G
(
τ seff
)
kT
 τs
|τs| (2)
where H is a constant frequency factor, b stands for the burgers vector magnitude and k is
the Boltzmann constant. In the case of iron, direct analyses of experimental loading curves
[30] provided the following expression that was found to cover the entire stress range observed
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in the thermal regime:
∆G
(
τ seff
)
= ∆G0
1−
√√√√〈τ seff〉+
τ0
 (3)
where 〈x〉+ = 12(|x|+ x) stands for the positive part of x,and the index s relates to each slip
system s.
2.1.2 High temperature
At high temperature the plastic deformation is associated to a drag mechanism that can be
modeled by means of a Norton law:
γ˙sdrag = γ˙0
( |τ sapp|
τ sc
)n
·
τ sapp
|τ sapp|
(4)
where γ˙0 is a constant, τ sc is the critical shear stress and n is the viscous exponent.
2.1.3 General case
In the general case, there is a competition between the two regimes and the total slip can be
expressed as an harmonic average of γ˙sdrag and γ˙snuc, giving weight to the most limiting slip
mechanism:
1
γ˙s
= 1
γ˙snuc
+ 1
γ˙sdrag
(5)
To resolve the low temperature deformation given by equation (2) some additional rela-
tions define the screw segment length:
ls = max(λs − 2αsATRs; lc) with lc = 500b (T/T0) (6)
(λs +Dobs)−1 = min
(√
ρsf ; (Dobs + 2R
s)ρsf
)
with ρsf =
∑
j 6=s
ρj , (7)
Rs = λ
s
2αsAT
; αsAT =
√√√√∑
j 6=s
asjAT
ρj
ρsf
, (8)
where lc is the critical length of a screw dislocation, λ is the average distance between two
obstacles, Dobs is the average obstacle diameter, aAT is the interaction matrix at high tem-
perature, ρsf is the forest dislocation density which is used to take into account the irradiation
defects and finally T0 is a reference temperature: 300 K. The interaction matrix of the 12
considered <111>{110} slip systems has been obtained from dislocations dynamics calcula-
tions [31] and is reduced such that only two independent parameters are considered: aATcoli
for the collinear systems which interact strongly and aAT 6=coli for the non-collinear systems of
weaker interaction.
Another important variable to resolve the equation (2) is the effective shear stress given
by:
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τ seff =
∣∣∣τ sapp∣∣∣− τ sc , with τ sc = √τ sLR2 + τ sLT 2 + τF (9)
τ sLR = µb
√
assATρ
s; τ sLT = max
[
0 ; αsATµb
(
1
λs
− 12αsATRs + lc
)]
(10)
where τ sapp is the applied shear stress, τ sc is the critical shear stress, τF is a term accounting
for the network drag, τ sLR is a self hardening term and τLT is related to the line tension.
The dislocation density evolution depends on the dislocations mean free path and requires
the average diameter of the bainitic grains and two multiplication parameters called Kself
and Kf .
ρ˙s =
[
1
Dlath
+
√
assρs
Kself
+
αsλsρsf
Kf
− ysρs
]
γ˙s
b
(11)
asj = asjAT
(
1− τ
s
eff
τ0
)2
; 1
ys
= 1
yAT
+
2piτ seff
µb
(12)
Kself and Kf are related to each other by the following equation:
Kf =
Kself
β
, β = min
(
3 ; 1 + 2·T
T0
)
(13)
2.2 Tensile behaviour calculation technique
This model requires 15 different parameters but most of them can be determined using phys-
ical measurements like the average obstacle length, initial dislocation density, average lath
dimension. Table 3 presents the values of these parameters identified in [13] on pure iron at
temperatures ranging from -196 ◦C to 0 ◦C.
b (nm) H (s−1) ∆G0 (eV) τ0 (MPa) ρm (mm−2) ρini (mm−2) γ˙0 (s−1) n
0.248 1· 1011 0.84 363 106 7.2· 106 10−6 50
Dobs (nm) yAT (nm) τF (MPa) Dlath (mm) (asjAT )coli (a
sj
AT ) 6=coli Kself
10 2 0 0.01 0.7 0.1 100
Table 3: Parameters used in DD_CC law for pure iron [13]
With the reference parameters, the strain-stress curve has been calculated first using a self-
consistent Berveiller-Zaoui homogenization technique [32] and compared with experimental
results.
When considering a self consistent model, each grain of the polycrystal is successively
regarded as an inclusion within the matrix of the homogeneous equivalent medium (HEM).
Each grain interacts therefore with the equivalent medium of the whole volume considered.
The Berveiller-Zaoui rule assumes that elasticity is uniform and isotropic, that the grains are
spherical and that the loading is monotonic. The localization equation writes:
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σg = Σ+ 2αµ (1− β)
(
Ep − εpg
)
, (14)
where g is a given grain, σg is the average stress tensor on g, Σ is the macroscopic stress
tensor, µ is the elastic shear modulus, α is a parameter that can be approximated by equation
(15), β is a parameter described in Kröner’s model [33] and given by equation (17), Ep is the
macroscopic plastic strain and εpg is the average plastic strain on g.
α−1 ≈ 1 + 32µE
pΣ−1 , with: (15)
(Ep)2 = 32E
p : Ep , Σ2 = 32S : S , S = Σ−
1
3Tr(Σ) (16)
β = 2 (4− 5ν)15 (1− ν) ≈ 0.5 for ν = 0.3 (17)
From the approximation in equation (17), equation (14) now writes:
σg = Σ+ αµ
(
Ep − εpg
)
, (18)
with the following homogenization rule:
Ep =
∑
g
xg ε˙
p
g, (19)
where xg is the volumetric fraction of grain g. The equations (18) and (19) are the equations
solved by Code_Aster that was used to calculate the homogenized tensile response. An
aggregate of 100 grains, of equal volume, and giving an isotropic texture, was considered.
For pure iron, the complete tensile curve is only available at room temperature and a
good agreement is observed, except for the very early hardening stage (ε < 0.015) since the
DD_CC law does not yet physically describe the complex transition from elastic elastic regime
to microplasticity and plasticity. By sake of synthesis, this tensile response is not reported
here. Some validations also not reported herein consisted in comparing the tensile behaviour
obtained by homogenization with the one obtained by a finite element calculation of a 98
grain Voronoi polycrystal as already developed in [34], and the gap was found to be less than
5 MPa for 3% of macroscopic strain, for various orientation samplings and various tensile
directions applied to the homogenized model.
In the following, the homogenized model response will be plotted against the experimental
tensile yield stress from -196 ◦Cto 0 ◦C.
2.3 Parameter sensitivity study
The following sensitivity study has been conducted for the main adjustable parameters. The
parameters were modified one by one, leaving the other parameters fixed. This procedure
allows to identify the mechanical role of each parameters and to provide some complementary
validation of the reference value since the same experimental data as used in the original
identification [13], obtained from [35] is shown in the cross plots.
Because the conventional yield stress σY 0.2 is obtained during the early stage of defor-
mation, not well captured by the model, the sensitivity analysis is conducted by considering
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Figure 5: Yield stress sensitivity analysis results for some key model parameters
the macroscopic stress at 2% macroscopic plastic strain Σ0.02. The result of the sensitivity
analyses for the parameters influent on the yield stress are summarized in Figure 2.3.
From the results gathered in Figure 2.3, the following conclusions can be drawn:
• Figure 2.3a show that reducing the lath size Dlat significantly increases the yield stress
Σ0.02. This increase is rather uniform over the temperature range,
• Figure 2.3b show that increasing the dislocation density ρini significantly increases the
yield stress, more specifically in the high temperature regime (T > −100 ◦C). The
highest dislocation densities correspond to a work hardened material.
• Figure 2.3c and 2.3d show the effect of average obstacle size Dobs for low and high
initial dislocation density respectively. The low value of ρini is 7.2· 106mm−2, and the
high value is 108mm−2. While no effect is obtained for low initial dislocation density, a
strong yield stress increase is observed for high initial dislocation density. As in Figure
2.3b this effect is more pronounced in the high temperature regime.
From the results of Figure 2.3, the yield stress increase as a function of the lath size as
been plotted at room temperature against the square root inverse of Dlat. For values above
5 (i.e. for Dlat < 5µm) the evolution is linear as shown by the green solid fitting line. This
fit corresponds to the following Hall-Petch relationship:
σY = σ0 +A·D−1/2lat , σ0 = 85.4 MPa, A = 0.25MPa·m
1/2 (20)
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Figure 6: Linear fitting of Σ0.02 over Dlat
In addition, the obtained slope A lies between the experimentally obtained values for
interstitial free steel (0.14MPa·m1/2) and 0.03wt% carbon steel (0.81MPa·m1/2) [36].
Equation 11 is showing that Kself is influent on the dislocation multiplication rate. This
is confirmed by figure 7(b) showing the effect of Kself on the hardening of pure iron, presented
by the difference between Σ0.1 and Σ0.02. Decreasing Kself increases the hardening. As shown
by Figure 7(a), Kself has a negligible influence on yield stress Both Figures 7(a) and 7(b)
prove the validity of the reference value of Kself = 100 for pure iron.
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Figure 7: Influence of parameter Kself .
2.4 Adaptation to more complex materials
The model has been validated for the so called pure iron, which is a large grain polycristalline
material with low carbon content. To now adapt the model to a more complex material
of bainitic microstructure and of higher carbon content, therefore of higher yield stress, the
principle is as follows:
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• increase the dislocation density ρini and eventually provide measured values for 16MND5.
Note that this density is sensitive to the manufacturing (hot/cold work, heat treatment)
and that measures rely on transmission electron microscopy analyses on thin foils and
therefore are difficult to achieve and need to be repeated enough to be statistically
representative,
• increase the obstacle sizeDobs to the maximal obstacle size present in the microstructure,
obstacles being carbides and dislocation junctions,
• decrease the lath size Dlat to the minimal mean free path for dislocations, e.g. grain
dimension or lath thickness.
• eventually increase the alloy friction parameter τF to integrate both the solid solution
hardening and the precipitation strengthening.
Starting from these general principles, the work conducted on 16MND5 material will be
discussed in the following.
3 plastic flow behaviour of RPV steel
A specific strategy has been introduced in this work to model the RPV steel. The final
objective of this work being to use polycrystalline stress fields to compute a failure criterion,
an accurate micro-structural description is desired. As already introduced, depending on
the sampling depth several phases coexist, the softer being pro-eutectoid ferrite, varying in
volume proportion from 0% to 25%. It is then chosen to model the RPV steel as a dual
phase model composed by ferrite (soft) and bainite (hard). To start with a simple model, the
carbide clusters and martensite are considered as similar to the bainite.
Using this approach, varying the ferrite proportion for example allows to capture the vari-
ations in yield stress and tensile strength with the sampling depth as reported experimentally
in Figures 2 and 3.
To illustrate this model, a realization example is shown in Figure 3. A 162 grain aggregate
was generated first by a Voronoi tesselation and meshed using the open source Salome software
embedding Netgen meshing procedure. A phase label is then attributed to the different grains
to reach the desired ferrite fraction, by randomly picking ferrite grains. The ferrite fraction
for this work has been set at 25%, representative of the ferrule half thickness.
In the following, a smaller aggregate of 98 grains was used for the finite element calcula-
tions. Some informations on this mesh are provided in table 4. For the tensile loadings of
this aggregate, the boundary conditions are imposed as average displacement conditions on
the upper and lower faces (without planar condition) and the four lateral faces are let totally
traction free.
Volume N(elements) N(grains)
Whole model 100% 26718 98
Ferrite 24.96% 7092 (26.5%) 24
Bainite 75.04% 19626 (73.5%) 74
Table 4: Basic information for dual-phase Voronoï model with 75% bainite
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bainitic 
grain
ferritic 
grain
(a)
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Figure 8: Realization example of a 162 grain polycrystal, Voronoi tesselation (a) and exploded
mesh showing the distribution of phases with 75% bainite content (b)
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b (nm) H (s−1) ∆G0 (eV) τ0 (MPa) ρm (mm−2) γ˙0 (s−1) n yAT (nm)
0.248 1· 1011 0.84 363 1.2· 107 10−6 20 2
Phase Dobs (nm) ρini (mm−2) τF (MPa) Dlath (mm) (asjAT )coli (a
sj
AT )6=coli Kself
Ferrite 10 2.4· 107 8 0.088 0.7 0.1 30
Bainite 20 1.3· 108 85.4 0.005 0.7 0.1 30
Table 5: Parameters at -150 ◦C used in DD_CC law for dual-phase model
A list of parameters specific to each phase was identified by conducting tensile simula-
tion on a dual-phase aggregate and optimizing the parameters by a Levenberg-Marquardt
algorithm. Several parameters introduce the mechanical properties contrast between the two
phases: the initial dislocation density, the alloy friction, the average lath size, the obstacle
size, while the other parameters are kept identical (see Table 5).
b (nm) H (s−1) ∆G0 (eV) τ0 (MPa) ρm (mm−2) γ˙0 (s−1) n yAT (nm)
0.248 1· 1011 0.84 363 1.2· 107 10−6 20 2
Dobs (nm) ρini (mm−2) τF (MPa) Dlath (mm) (asjAT )coli (a
sj
AT ) 6=coli Kself
13 1.08· 108 60 0.005 0.7 0.1 30
Table 6: Parameters at -150 ◦C used in DD_CC law for single-phase model
A second optimization was conducted by considering the material as single-phase. Al-
though less physically detailed, this optimization provide a reference material of same effective
response in tension, allowing to compare stress field heterogeneities between the two models
without changing the average mechanical response. This second list of parameters is provided
in Table 6.
Figure 9 demonstrates the good agreement between the two models, single-phase and
dual-phase, with the experimental tensile data at -150 ◦C, a relevant temperature to conduct
the fracture study. The voronoi aggregate mesh used to compute the tensile curves are also
shown on the same Figure. Average stress-strain curves per grain in the tensile direction are
reported Figure 10 and show that stresses in bainitic grains are higher than in ferritic grains, as
expected, with a large scatter in stress levels as soon as yielding occurs. At 10% macroscopic
strain, the average deformation of ferritic phase is 11% higher than that of bainite.
4 failure behaviour of RPV steel
At low temperature a possibility of brittle failure by cleavage exists for 16MND5 steel [37, 38].
Modeling the brittle failure is of industrial relevance and being able to predict its probability
for irradiated material has been a key objective of European projects like Perfect and then
Perform60 [7, 8]
Energy absorbed during fracture for 16MND5 steel shows that the ductile to brittle tran-
sition takes place between -150 ◦C and 0 ◦C [39]. Using the same single-phase and dual-phase
98 grain aggregate as introduced earlier to study the behaviour, additional crystal plasticity
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Figure 9: Macroscopic stress-strain curves at -150 ◦C compared with experimental values (a).
The meshed aggregate used to compute the tensile curves is shown with colored grains (a)
and colored phases for the 75% bainite fraction case (b).
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Figure 10: stress-strain curves for each grain for a model with 75% bainite with parameters
of table 5
calculations were conducted at -196 ◦C and -150 ◦C since these two temperatures belong to
the brittle failure domain. Loading conditions were triaxial with a chosen triaxiality of 2.5
(cf. Eq. 21) to represent the average stress field in front of a compact tension specimen
crack tip. Practically, the loading was prescribed by imposing average loads to the 3 sets
of adjacent faces by means of discrete linking elements and integral relationships, using the
following relationship between average reactions in each direction:
22ème Congrès Français de Mécanique Lyon, 24 au 28 Août 2015
αΣ1 = Σ2 = Σ3 , α < 1 , χ =
1 + 2α
3− 3α (21)
The triaxiality was also computed after the calculation by averaging the triaxiality directly
computed from the principal stresses, which validated the loading conditions. Since the
conditions are imposed as average conditions, displacement fluctuations are allowed on each
face and artificial stress concentrations are prevented. It is then possible to use a reasonably
small representative volume as the elements near the boundary can be included in the post
treated volume. The volume of the aggregate is set to (50µm)3.
As shown by Figure 11, the macroscopic stresses in the three principal directions slightly
differ between the single-phase and the dual phase calculations, while no mismatch was found
in uniaxial tension. This difference can be attributed to the increased stress heterogeneities
induced by dual-phase model and more pronounced for triaxial loadings, resulting in lower
yield stress compared to the single phase model.
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Figure 11: Average stress-strain curves in the three tensile components obtained during the
triaxial tensile calculation at -150 ◦C.
4.1 Chosen local approach to failure model
The model used to predict failure is based on an earlier work in which a Beremin-type post
treatment [14] was applied to the stress and strain fields computed for a polycrystalline
aggregate [27]. This failure model is based on the following 6 hypotheses:
• H1: The carbides and other second phase particles are the initiating locations of fracture.
The effect of larger particles (MnS) is not taken into consideration, since they mostly
affect the ductile failure properties[39].
• H2: The plasticity is considered as mandatory (together with a critical stress) in the
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initiation process. This will lead to consider a threshold of plastic deformation in the
initiation criterion.
• H3: The carbide population is composed of clusters in the middle of bainitic laths and of
larger isolated carbides. All these carbides are potential candidates to provoke cleavage.
The defect sizes follow a Frechet distribution [40].
• H4: Once a crack initiates at a defect, its propagation in the neighbouring ferritic matrix
is considered to be driven by a Griffith-style criterion. The ferrite cleavage principally
takes place in the {001} family. The corresponding Griffith stress is given by:
σGrif =
√
piEγp
2(1− ν2)a, (22)
where E corresponds to Young’s modulus, a is the crack size and γp, surface energy in
J/m2 term, is derived from a former optimization for 16MND5 [27]:
γp = 2.15 + 1.53· e0.009·T (23)
• H5: The largest defects (of dimension greater than rmaxc ) are initiated in the beginning
of plasticity deformation and are blunted instead of being propagated. As a result,
there exists a threshold in carbide size, beyond which the cleavage mechanism will not
be activated. In the following this threshold is set to one micron.
• H6: The overcome of micro-structural barriers is not a critical mechanism, as long as the
stress needed for the propagation of a defect is reached. The weakest chain hypothesis
is applied here : the propagation of a micro-defect in the ferritic matrix leads to the
fracture of the considered volume.
A key data to apply such micromechanical failure model is about the carbide distribution
in material. The study of steel Euro Material A by Ortner et al. [40] not only gives the size
distribution of carbides, but also the carbide number per volume unit N:
p(r ≥ r0) = f(r0) = 1− exp(−( r03.6· 10−8 )
−2.7), N = (7.6 + 2.4)· 1017m−3 (24)
nave = Nv, σ0 =
√
Nv
2· 1011 (25)
A given carbide number obtained from a truncated normal distribution of average nave
and standard variation σ0 [41] is distributed to each gauss point associated to an elementary
the volume v. In this manner some gauss points do not get carbides, as shown in Figure 13(a),
and some others get multiple carbides. In the latter case only the largest carbide is kept for
the calculation of critical stress σGrif . Those gauss points without carbides are allocated with
very high σGrif . By this method a distribution of critical cleavage stress is obtained, that is
a function of rmaxc and γp.
Most local approaches calculate the critical stress based on the first principal stress but
another stress measure is chosen in this model. As the crystal orientation for each gauss
point is known, the projection of stress tensor on the cleavage planes can be easily performed,
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Figure 12: Distribution of carbides
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Figure 13: Distribution of the largest carbide size and the corresponding Grifith stress on
each Gauss point
noted as σp. The maximal value of the local cleavage stress is then considered as the effective
maximal stress at each gauss point.
σmaxc = Max{σp} (26)
This effective maximal cleavage stress is compared with the Griffith stress and the equiv-
alent plastic deformation is compared with the critical value εminip . According to the model
hypothesis H6, the fracture occurs as soon as the following criterion is verified:
σmaxc ≥ σGrif , εequp ≥ εminip (27)
In the finite element calculation, the simulation is performed step by step. Inside time
steps all the variables are linearly interpolated.
The post treatment described above is repeated Ns times, for each realization the spatial
arrangement of carbides is re-computed. In order to obtain the failure probability distribution
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function, the whole results are sorted in increasing order of fracture time. A rank i=1,2... Ns
is allocated to each result and the corresponding fracture probability PR is given as :
PR =
i− 0.5
Ns
(28)
Equation 24 is employed to simulate the distribution of carbides in both ferritic and
bainitic phases. It should be noted that this is an approximation and that additional cal-
culations can be carried out once the realistic distributions are obtained in each phase and
eventually within the phases.
4.2 Results and discussion
The first calculation of cumulated failure probability has been carried out directly on the
Voronoï aggregates. A result summary is provided in table 7 and the crack initiating locations
(elements) are shown in figure 14, as well as the grain boundaries. The simulated failure curve
at -150 ◦C and the separated responses of the two phases are shown in figure 15.
A conclusion can be drawn here that given the mechanism and hypothesis explicated
above, while the crack initiation takes place only in ferrite at -196 ◦C, it occurs in both phases
at -150 ◦C, especially at grain boundaries and model interfaces. This result is in accordance
with anticipation, as in comparison to -150 ◦C, the σGrif is smaller at -196 ◦C, due to the
smaller value of γp. In addition, softer ferritic grains are prone to higher strain levels thus
are more likely to pass the threshold of plastic deformation compared to bainitic grains. For
each calculation, the last criterion to be reached (Griffith stress or plastic strain) is denoted
as critial. For each temperature, this critical criterion is reported in Table 7. At the lowest
temperture of -196 ◦C, the plastic deformation is more critical than the cleavage stress, and
the trend is opposite at -150 ◦C.
Failure initiation Critical : σGrif Critical : εminip
Temperature -196 ◦C -150 ◦C -196 ◦C -150 ◦C -196 ◦C -150 ◦C
Whole model 200 200 81 120 119 80
Ferrite 200 39 81 39 119 0
Bainite 0 161 0 81 0 80
Table 7: Failure calculation information at -150 ◦C and -196 ◦C for dual-phase Voronoï model
The initiating elements for the 200 carbide samplings are shown in Figure 14, together
with the ferrite-bainite interfaces. Initiation sites are often close to these interfaces, also
correlated with stress concentrations.
Figure 15 shows, for the dual phase calculation at -150 ◦C, the repartition of failure ini-
tiation site between the two phases. About 80% of initiation events occur in bainitic phase,
which is consistent with the Griffith stress limiting failure mechanism as reported in Table 7
Figure 16 shows that while the principal stresses at 50% failure possibility for single-phase
and dual-phase models are equal, the failure probability distribution significantly differs in
the low probability regime for the two models. The failure curve of dual-phase model spreads
broader than the single-phase one, indicating a lower Beremin exponent. This is rather
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Figure 14: Distribution of crack initiating elements (in blue) at -150 ◦Cfor the dual-phase
model. The ferrite-bainite interface mesh is displayed in magenta.
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Figure 15: Failure curve calculated at -150 ◦C
expected since increasing the microstructural and mechanical heterogeneties likely increases
failure probability when considering a weakest link scenario. Naturally, this conclusion could
be different depending on the considered carbide spatial distribution.
Figure 17 shows the cloud of carbide size and principal stress as crack initiates. It can be
concluded that while relatively smaller (0.6µm to 0.8µm) carbides can lead to failure at high
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Figure 16: Failure curves of single-phase and dual-phase models at -150 ◦C
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Figure 17: Carbide size at crack initiation against principal stress
principal stress, they do not seem critical when the macroscopic stress is low.
Conclusion
In conclusion, a preliminary step of this work consisted in identifying plastic flow models of
the RPV steels, for two distinct micromechanical models : one single phase, and one dual
phase. This identification, especially in the dual-phase case, could be improved by considering
more information about phase-to-phase heterogeneities like initial dislocation densities. Other
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improvement possibility would be to take advantage from in-situ SEM experiments together
with digital image correlation to identify the mechanical contrast between the two phases.
Introducing the dual phase model was motivated by the phase distribution variation
through the thickness. Coupling accurate microstructural description with plastic flow model
and failure model would address the need of fracture toughness prediction at different depths
of the component. Although these large scale heterogeneities were not yet predicted in this
work, some preliminary assessments have indicated the interest of a dual phase model. In-
deed, the dual phase model is associated with a lower macroscopic stress for lower failure
probabilities.
This work also intends to illustrate the variety of computational micromechancals tools
available that might help to understand or identify some root causes of failure, experimen-
tally difficult or impossible to obtain. Naturally, the relevance of the obtained results strongly
depends of the modeling hypothesis and the accuracy of mechanical fields computed at the mi-
crostructural scale. This in turn motivates the development of additional and complementary
validation procedures for the different elementary bricks used in this approach : metallurgical
quantitative information, plastic flow behaviour, failure behaviour.
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